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a  b  s  t  r  a  c  t

In  this  work,  microstructural  evolution  and  amorphous  phase  formation  in Co40Fe22Ta8B30 alloy  pro-
duced  by  mechanical  alloying  (MA)  of the  elemental  powder  mixture  under  argon  gas  atmosphere  was
investigated.  Milling  time  had  a profound  effect  on the  phase  transformation,  microstructure,  morpho-
logical  evolution  and  thermal  behavior  of the  powders.  These  effects  were  studied  by  the  X-ray  powder
diffraction  (XRD)  in reflection  mode  using  Cu  K�  and  in transmission  configuration  using  synchrotron
radiation,  transmission  electron  microscopy  (TEM),  scanning  electron  microscopy  (SEM)  and  differential
scanning  calorimetry  (DSC).  The  results  showed  that  at the  early  stage  of  the  milling,  microstructure
consisted  of  nanocrystalline  bcc-(Fe,  Co)  phases  and  unreacted  tantalum.

Further  milling,  produced  an  amorphous  phase,  which  became  a dominant  phase  with  a fraction  of

96  wt%  after  200  h milling.  The  DSC  profile  of  200  h  milled  powders  demonstrated  a  huge  and  broad
exothermic  hump  due  to  the  structural  relaxation,  followed  by  a single  exothermic  peak,  indicating
the  crystallization  of  the  amorphous  phase.  Further  XRD  studies  in transmission  mode  by synchrotron
radiation  revealed  that the  crystalline  products  were  (Co,  Fe)20.82Ta2.18B6, (Co,  Fe)21 Ta2 B6,  and  (Co,  Fe)3B2.
The  amorphization  mechanisms  were  discussed  in  terms  of severe  grain  refinement,  atomic  size  effect,
the  concept  of  local  topological  instability  and  the  heat  of  mixing  of  the  reactants.
. Introduction

In the recent years, amorphous alloys have become increasingly
ttractive due to their potential applications and variety of unique
roperties like mechanical, corrosion and magnetic behavior. Their
xcellent properties are attributed to the absence of the atomic
ong range order and crystalline defects like dislocations and grain
oundaries [1–5].

Amorphous alloys can be produced by several methods, such
s rapid solidification, severe plastic deformation and solid state
rocessing [2–5]. The size or thickness of the rapidly quenched
rdinary amorphous alloy is usually limited to a few microns in
he shape of ribbon or sheets [6]. During the preparation of these

lloys, a high cooling rates (106 K/s) are required to avoid crys-
allization [6].  In order to enhance the glass forming ability and
ncrease the dimensions, multicomponent bulk metallic glasses

∗ Corresponding author. Tel.: +98 9177038948.
E-mail address: amirtaghvaei@gmail.com (A.H. Taghvaei).

925-8388/$ – see front matter ©  2011 Elsevier B.V. All rights reserved.
oi:10.1016/j.jallcom.2011.09.025
© 2011 Elsevier B.V. All rights reserved.

have been developed. These alloys have low critical cooling rates
(103 K/s), under which fully amorphous products with the thickness
of 70 mm have been produced [7].

Mechanical alloying (MA) is an alternative process to produce
amorphous alloys from the elemental powders. It has been found
that MA  has some advantages in comparison with the conven-
tional casting or rapid solidification methods. The mechanically
alloyed amorphous powders could easily be consolidated in the
supercooled liquid region into high density bulk amorphous sam-
ples with arbitrary shapes and dimensions without any finishing
process like machining [8].  Besides, MA  is versatile enough to allow
amorphization in the compositional ranges wider than those corre-
sponding to the rapid solidification which are close to the eutectic
composition [5,8]. On the other hand, the most important disad-
vantage of the MA process is the introduction of contamination
and milling debris into the powders from balls or milling medium,

which can affect the thermal stability and some physical proper-
ties of amorphous powder. Formation of amorphous phases by MA
depends on the energy supplied by the milling medium, the atomic
size of the constituents and the thermodynamic properties of the

dx.doi.org/10.1016/j.jallcom.2011.09.025
http://www.sciencedirect.com/science/journal/09258388
http://www.elsevier.com/locate/jallcom
mailto:amirtaghvaei@gmail.com
dx.doi.org/10.1016/j.jallcom.2011.09.025
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lloying system [8].  Schwarz and Johnson developed two  criteria for
he formation of the amorphous phase during the MA of binary sys-
ems [9];  (1) a large negative heat of mixing between the elemental
onstituents, and (2) a large asymmetry in the diffusion coefficients
f the elements are required. An amorphous phase is kinetically
roduced when the amorphization reaction is much faster than
he formation of the crystalline phases [8,9]. It is also demonstrated
hat during the MA  process, the introduction of crystalline defects
nto the lattice increases the internal energy. When the free energy
f the crystal exceeds the free energy of the amorphous phase, the
rystalline structure becomes thermodynamically unstable and can
e transformed into the amorphous phase [2,10].

Co-based amorphous alloys usually show soft magnetic prop-
rties and high mechanical strength [11]. Inoue et al. developed

 group of high boron content multicomponent Co40Fe22M8B30
M = Nb, Zr) soft magnetic glassy ribbons and cylinders with the

aximum diameter of 1 mm and a large supercooled liquid region
p to 98 K by melt spinning and copper mold casting methods [12].

t has been found that the increase of the boron content up to 30%
esulted in an extension of the supercooled liquid region and an
ncrease in the electrical resistivity [6,12].  In addition, cylindrical
o43Fe20Ta5.5B31.5 glassy samples with a diameter of 2 mm and a

arge supercooled liquid region of 72 K prior to crystallization were
roduced using the copper-mold casting method. This alloy showed
ltra high fracture strength above 5 GPa, extremely high perme-
bility of 550,000 and low coercivity of 0.25 A/m [13,14].  Besides it
howed the largest supercooled liquid region among the composi-
ion range of 5–30 at.% Fe, 4–6 at.% Ta and 20–33 at.% B. Higher Ta
ontent alloy (%Ta > 6) such as Co40Fe22Ta8B30 has not been inves-
igated by the casting methods or the MA  process up to now. Some
esearchers studied the amorphization process in the mechanically
lloyed binary Co-based alloys with the boron contents of 20%,
3% and 50% [15,16]. They reported that the Co–B mixture induced
olid-state amorphization which becomes faster by increasing the
oron content [16]. However, there are only a few studies on the
echanical alloying of the multicomponent Co-based amorphous

lloys, especially with a high metalloid content [17]. Fabrication
f the high-boron content cobalt-based bulk amorphous alloys by
he combination of the MA  process and the subsequent consol-
dation at supercooled liquid region, can present an alternative

ethod to produce the bulk glassy samples in arbitrary shapes and
imensions. But before the consolidation steps, investigation of the
owders microstructure, their thermal stability and morphology
t different milling times is required. This work investigated the
ffects of the MA  process on phase evolution, amorphous phase
ormation and its mechanisms in multicomponent Co40Fe22Ta8B30
at.%) alloy. To the best of the authors’ knowledge, no results have
een reported by other researchers on this alloy. The powders
icrostructure at different milling times was characterized by XRD,

EM, TEM and DSC analysis, and the results are discussed in details.

. Experimental procedure

A high-boron content alloy with a nominal composition of Co40Fe22Ta8B30 (at.%)
as  prepared by milling of pure elemental Co (Merck, >99.5%, Da.v. = 10 �m),  Fe

Merck, >99.5%, Da.v. = 10 �m), Ta (Merck, >99.5%, Da.v. = 40 �m)  and B (Merck, >99.5%,
a.v. = 150 �m)  powders. MA  was performed in a planetary ball mill under the argon
tmosphere using a tempered steel vials with a capacity of 80 ml  and balls with
iameters of 10 and 20 mm at a rotation speed of 310 rpm. The vials were loaded
ith 10 g powders which were milled at a ball-to-powder mass ratio of 20:1. Exper-

ments were interrupted at some intervals and samples of the milled powder were
aken out for characterization.

The phase constituent and structure of the powder particles were investigated
y  XRD (SHIMADZU Lab X-6000, Cu K� radiation) and HRTEM (JEOL, JEM 2010).

ietveld-refinements were performed using the MAUD software which is designed
o estimate structural parameters such as the crystallite size, the lattice strain and
he  amount of amorphous phase from the X-ray powder diffraction data [18]. The
morphous phase content of the milled powders was  estimated by the Rietveld
efinement of the XRD pattern for a mixture of the as-milled powders and the known
Fig. 1. The XRD patterns of the milled powders after different milling times.

amount of nanocrystalline Mn  powders as a standard. The nanocrystalline Mn  pow-
ders with an average crystallite size of 13 nm was  prepared by ball milling pure Mn
(99.5%) for 5 h under the argon atmosphere in a planetary ball mill with the ball-to-
powder mass ratio of 20:1. The powder-to-standard mass ratio of 75:25 was used
for this purpose. Before mixing, both powders (as-milled Co alloy and Mn standard)
were separately sieved and particles smaller than 40 �m were used for the quantita-
tive analysis. The XRD data collections and their quantitative Rietveld analyses were
repeated three times in three specimens to check for repeatability and to estimate
the potential errors. In the MAUD software, the maximum lattice strain (e) and the
average crystallite size (D) of the milled powders were determined by the Double-
Voigt approach [19]. For both the quantitative and structural parameters analyses,
the  fitting process was repeated until the parameter Rb became smaller than 10%.

The  morphological change of the powder particles was examined by the scan-
ning electron microscopy (SEM, JEOL-JSM 5310) coupled with the energy dispersive
(EDX) analyzer. The thermal stability of the powders was characterized by a dif-
ferential scanning calorimetry (DSC, NETZSCH, STA 449C Jupiter) with an alumina
container under purified argon gas flow. The structure of the as-milled powders,
as well as the in situ crystallization behavior were studied by X-ray diffraction in
transmission configuration, using a high intensity high-energy monochromatic syn-
chrotron beam (� = 0.0149 nm) at ID11 of ESRF Grenoble. The heating of the powders
sealed under vacuum in a capillary tube was done at a rate of 10 K/min using a
LINKAM hot stage mounted perpendicularly to the direction of the X-ray beam.

3. Results and discussion

3.1. X-ray analysis

Fig. 1 depicts the XRD patterns of the as-milled powders at dif-
ferent milling times. All the characteristic peaks of the constituent
elements are seen at the beginning of milling with the exception of
boron, which is a light element and is amorphous in nature. Also,
some diffraction peaks of the fcc cobalt are not detected at the early
stage of milling. This is due to the allotropic transformation of cobalt
from fcc to hcp. Since the fcc cobalt is metastable at room tem-
perature, it turns unstable under applied external mechanical or
thermal energy [20]. Hence, this transformation is attributed to a
large number of defects created by the severe plastic deformation
and the increase of the energy stored in the material during the
milling process [20].

According to Fig. 1, alloying of the initial elements after 6 h
milling results in a decrease of the bcc tantalum intensity and dis-

appearance of the hcp cobalt diffraction line and consequently the
formation of bcc-(Fe, Co) solid solution. Therefore, after 6 h milling,
the powders contain dominantly an unreacted tantalum and bcc-
(Fe, Co) solid solution. The dissolution of iron, tantalum and boron
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boron atoms on the interstitial sites [23].
Table 1 shows that the average crystallite size rapidly decreases

to the nanometric levels by increasing the milling time. The signifi-
cant grain refinement during the milling process could be explained

Table 1
Variations of crystallite size, lattice strain and diffraction angle 2� of the first order
maximum peak of bcc-(Fe, Co) phase as a function of milling time.

Milling
time (h)

Crystallite
size (nm)

Lattice strain (%) 2� of (1 1 0) (◦)

0.5 111.43 ± 0.35 0.15 ± 0.03 44.6422 ± 0.0003
1.5  41.35 ± 0.42 0.27 ± 0.05 44.6727 ± 0.0004
ig. 2. The XRD pattern of the 200 h milled powder mixed with the nanocrystallin
b).

nto the cobalt lattice increases the elastic energy for the forma-
ion of the solid solution phase due to the size mismatch effect. The
attice mismatch between cobalt and tantalum is higher than the
attice mismatch for cobalt and iron. This means that more elastic
nergy is needed to dissolve tantalum in the cobalt lattice in com-
arison to the dissolution of iron. Therefore, dissolution of tantalum
eeds a longer milling time than that needed for the dissolution of

ron into the cobalt lattice. This is the reason for the existence of
ome unreacted tantalum after 6 h milling. As can be seen in Fig. 1,
he XRD pattern of the 22 h milled powders consists of a first order

axima peak attributed to the (1 1 0) plane of the bcc-(Fe, Co) phase
uperimposed with the halo pattern of the amorphous phase. By
urther progression of the MA  process, broadening of the first-order

aximum peak of the bcc-(Fe, Co) phase increases (Fig. 1). This is
ue to a decrease in the crystallite size, an increase in the lattice
train and/or the existence of a considerable amount of amorphous
hase in the structure. At higher milling times (more than 90 h), the
alo pattern becomes more pronounced due to the existence of a
igh amount of amorphous phase in the structure.

Table 1 shows the effect of milling time on the values of 2� of the
1 1 0) peak of the bcc-(Fe, Co) phase, its crystallite size and lattice
train. After 54 h of milling, due to the existence of a relatively high
mount of the amorphous phase in the structure, the major peak

f the bcc-(Fe, Co) phase disappeared into the halo pattern. Conse-
uently, the measurement of the mentioned parameters after 54 h
f milling is not possible. According to Table 1, the position of the
1 1 0) peak first shifts to the higher 2� values up to 6 h milling and
owder (a) and the corresponding curve fitting performed by the Rietveld method

then decreases to the lower amounts until 54 h milling. Decrease
of the lattice parameter during the milling has been reported in
other alloys especially with high cobalt concentration [5,21,22].
The lattice contraction could originate from the allotropic phase
transformation of cobalt (fcc–hcp) and/or to the triple defect disor-
der [5,21].  According to Fig. 1, the intensity of tantalum diffraction
peaks decreases especially after 6 h milling. Therefore, the substitu-
tional dissolution of tantalum atoms increases the lattice parameter
of the bcc-(Fe, Co) phase due to its larger atomic size in comparison
with the atomic size of cobalt and iron atoms. Another contribution
to the lattice expansion after 6 h milling could be the dissolution of
6  16.26 ± 0.27 0.62 ± 0.05 44.8041 ± 0.0002
12 9.17 ± 0.31 1.14 ± 0.04 44.7202 ± 0.0005
22  8.45 ± 0.22 1.38 ± 0.06 44.6738 ± 0.0003
54  6.36 ± 0.43 1.60 ± 0.03 44.6344 ± 0.0001
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Table 2
Physical parameters and preferred site occupancies in the cobalt lattice of selected
elements at room temperature.

Parameter Co Fe Ta B

� (GPa) 75 82 69 155
K  (GPa) 180 170 200 320
�  1 0.98 1 1.185

(

(

ig. 3. Variations of amorphous phase fraction (wt%) for the various milling times.

s a result of the severe plastic deformation of the powders as well
s the dissolution of boron in the microstructure. Recently, it has
een reported that the severe grain refinement could happen by

nterstitial nitrogen and carbon atoms during MA  of Fe–Cr–Mn–N
nd Fe–C powders, respectively [24,25]. The rapid grain refinement
n these alloys was attributed to the segregation of the interstitial
itrogen and carbon atoms into dislocations and grain boundaries,
hich led to locking of the dislocations and the stabilizing of the

rain boundaries [25]. It has been reported that boron atoms could
e segregated into the dislocations of �-Fe and established a more
trength dislocation locking in comparison with the locking pro-
uced by nitrogen and carbon atoms [26]. Thus, it is inferred that
he dissolution of boron during the MA  process in the structure
oticeably decreases the crystallite size by the mechanisms which
re very similar to those mentioned for interstitial nitrogen and
arbon.

Table 1 also shows the variations of lattice strain during the
illing. Lattice strain increases by milling to a value of 1.6% for 54 h
illed powders. The increase of the lattice strain can be attributed

o the size mismatch effect between the constituents, the increase
f the grain boundary fraction and the increase of dislocation den-
ity produced by severe plastic deformation [27].

The proportion of the amorphous phase in the as-milled pow-
ers was calculated based on the quantitative Rietveld analysis
28,29]. This method can determine the amorphous phase con-
ent from the overestimation of an internal crystalline standard
n the Rietveld refinement of an appropriate mixture of a stan-
ard and the sample powders [29]. The as-milled powders and the
anocrystalline standard Mn  powders were mixed in a mass ratio of
5:25, respectively. Fig. 2 illustrates a typical XRD pattern and the
orresponding curve fitting performed by the Rietveld refinement
ethod for a mixture of 200 h milled powders and nanocrystalline
n powders. The fitting process was repeated until the Rb parame-

er became smaller than 10%. The weight fraction of the amorphous
hase based on the mentioned method could be determined from
he following equation [28,29]:

 = 1 − (Ws/Rs)
100 − Ws

× 104% (1)

here A is the weight percentage of the amorphous phase, Ws is
he weight concentration of the internal standard (in this study

s = 25%) and Rs (%) is its Rietveld analyzed concentration [28,29].

Fig. 3 shows the amorphous phase content versus the milling

ime. According to this figure, the quantity of the amorphous phase
rst increased sharply and then gradually to the maximum value of
6% after 200 h milling. The formation of the amorphous phase in
RB(nm) 0.128 0.126 0.149 0.078
R  = RB/RCo 1 0.984 1.164 0.609
Site  preference Base Substitutional Substitutional Interstitial

the present alloying system is due to several effects, such as severe
grain size refinement, atomic size effect and the negative heat-of-
mixing between the constituents which are explained as follows.

a) Effect of severe grain size refinement:  As discussed previously,
dissolution of the boron atoms and the severe plastic defor-
mation of the powders during the milling are responsible for
the rapid grain refinement. Ogino et al. [30] proposed that in
the milling process, as a result of the grain refinement, the con-
straints of the neighboring grains are increased. When the grain
size is reduced to below a critical size in the order of a few
nanometers (possibly <5 nm), the crystallite becomes unstable
and the amorphization occurs [28].

b) Atomic size effect: The presence of atoms with different atomic
sizes introduces significant strain into the lattice. This increases
the strain energy and consequently the free energy of the crys-
talline phase (to above that of the hypothetical amorphous
phase). Since the atomic size effect is less in the amorphous
phase than that in the grain boundary and is less in the grain
boundary than the crystalline lattice [31], therefore, the ther-
modynamic stability of the amorphous phase is higher than the
grain boundary and that of the grain boundary is higher than
the crystallite lattice [31]. Recently, it has been shown that it
is possible to determine, at least semi-quantitatively, the con-
tribution of the lattice strain to the solid state amorphization
for multicomponent Fe-based alloys by the Egami’s model [32].
The Egami’s model was developed by Miracle et al. [7,33,34],
who  introduced the concept of the local clustering of the sol-
vent atoms around the solute atom in order to achieve a dense
random packing.According to the Miracle’s model, the mean
volume strain on the solvent lattice (εV

A ) in the multicomponent
system is calculated from the following equation [34]:

εV
A =

∑n
j=1Cj�j�

[
Xsj(R3

j
− 1) + Xij(R3

j
− �3)

]
1 +

∑n
j=1CjXsj(R3

j
− 1)

(2)

where the subscript j denotes a jth alloying element, Cj is the
atomic concentration of jth element, Rj is the radius ratio of
jth atom, Xsj and Xij are the fractions of the solute atoms in
the substitutional and interstitial sites. � is the coefficient of
the compaction of the crystalline lattice. For a close-packed lat-
tice, � = 0.74. � is a constant which is 0.414 in the case of the
octahedral sites in a close-packed structure. � i is given by [34]:

�j = 1 + 4�A/3KA

1 + 4�A/3Kj
(3)

where � and K denote the shear modulus and bulk modu-
lus, respectively. Table 2 shows the physical parameters and
the preferred site occupancies for the elements of the present
study in the Co lattice. Based on Eq. (2),  the calculated value of
the mean volume lattice strain in the present alloys is 0.065.

This value is sufficiently greater than the critical volume lat-
tice strain which is equal to 0.054 [34]. Thus, the calculated
volume strain leads to the topological instability of the crys-
talline lattice and the change of the local coordination number
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or (a)

(

Fig. 4. The SEM micrographs of the powders milled f

[34]. This result confirms why the amorphization occurred in
the alloy system used in this work. It is worth noting that
the mean volume lattice strain for the present alloy is greater
than that for rapidly solidified glassy Co43Fe20Ta5.5B31.5 alloy
(εV

A = 0.058) and Co40Fe22Nb8B30 alloy (εV
A = 0.059). Therefore,

from the atomic size point of view, the alloy in this research
has higher tendency to become amorphous in comparison with
other mentioned alloys. In addition to the atomic size effect,
the MA  process introduces crystal defects which raise the free
energy of the lattice and contribute to amorphization. However,
the atomic size difference is more important in the amorphiza-
tion process, because the contribution of the lattice defects to
increase the energy of the system is rather low, especially for
dislocations and vacancies [35].

c) Effect of negative heat of mixing:  In the present alloy, the enthalpy
of mixing is negative along the major elements as mentioned

before. Also, the Ta–B pairs have the largest negative heat of
mixing (−54 kJ/mol) through the constituents [36]. This indi-
cates the strong interaction between these two  atoms. It has
been found thermodynamically that the addition of a third

Fig. 5. The HRTEM micrographs and the corresponding SAD patte
 1.5 h; (b) 22 h; (c) 54 h; (d) 90 h; (e) 160 h; (f) 200 h.

element to Fe–N and Fe–C alloys with strong interaction with
nitrogen and carbon, results in a better atomic level intermix-
ing of these solutes and iron during the milling which promotes
amorphization [37,38]. Addition of such elements prevents the
formation of more stable phases, like nitride and carbide in com-
parison with the metastable amorphous phase [37,38]. Some
investigations have shown that the homogenization and inter-
mixing of boron and some transition metals like iron, cobalt
and nickel during the milling did not completely occur at the
atomic level by MA [39,40]. Therefore, it may  be concluded
that the presence of tantalum with high interaction or affin-
ity with boron can improve the intermixing of the mentioned
constituent at the atomic level and consequently favors amor-
phization. It was  shown that the metastable amorphous phase
during the MA  process of Fe–B or Co–B alloys was accom-
panied by the formation of some borides, such as Fe2B, FeB

and Co2B [15,16,41].  The addition of some alloying elements
like Nb [20] or, as in the present work, Ta, with high affinity
to boron, could decrease the activity of boron and prohibits
its diffusion over a large distance during MA.  This retards the

rns of the powder particles milled for (a) 54 h and (b) 200 h.
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recovery processes like nucleation and/or growth of more sta-
ble phases, such as the formation of borides, which occurs
simultaneously with the amorphization reaction in the MA
process.

.2. SEM observations

Fig. 4 shows the SEM micrograph of the powders at different
illing times. During the MA  process, powder particles are succes-

ively flattened, cold welded, fractured and rewelded [5].  At the
rimary stage of milling, the ductile powder particles are flattened
s a result of the compressive force of the ball–powder–ball colli-
ions. Also, the hard and brittle boron particles were fractured to
he small particles which agglomerated on the surface of the large
nd composite powder particles with flattened shape (Fig. 4(a)).
y progression of the milling time, the applied intensive shear and

mpact on the particles lead to the fragmentation of the large and
omposite particles to the smaller powders with irregular morphol-
gy and wide size distributions (Fig. 4(b)). By further milling, the
owder particles size and their shape irregularity tend to decrease
nd the size distribution becomes narrow as illustrated in Fig. 4(c).
he development of the MA  process decreases the size distribution
nd increases the homogeneity of the powder particles. Also, the
owder particles become more regular in shape (Fig. 4(d) and (e)).
y the extension of the MA  process up to 200 h, the powder parti-
les become finer, possibly, due to the further development of the
morphous phase in their structure (Fig. 4(f)).

.3. TEM results

Fig. 5 shows the HRTEM image and the corresponding selected
rea diffraction (SAD) pattern of the powders at two milling times.
or the 54 h milled powders (Fig. 5(a)), the bright field TEM image
hows some dark and bright regions. The TEM contrast results
rom the orientation variations, mass–thickness differences, or
ual-structure [28]. The SAD pattern contains the diffraction spots
rising from the crystalline regions along with the halo pattern due
o the existence of the amorphous phase. Therefore, the SAD pat-
ern confirms that the dark and bright regions of the TEM image are
he nanocrystalline phase and an amorphous phase, respectively.
resence of these two phases was confirmed previously by the XRD
nalysis. According to Fig. 2, the XRD quantitative analysis shows
hat the fraction of the amorphous phase in the 54 h milled powders
s 55% and the average crystallite size of the nanocrystals is 6 nm
Table 1). Thus, both TEM and XRD results are in good agreement.
ig. 5(b) indicates the HRTEM and SAD pattern of 200 h milled pow-
ers. As the TEM micrograph shows, the amount of the amorphous
hase increases significantly by increasing the milling time from
4 h to 200 h. As explained quantitatively in the previous section,
he 200 h milled powders are not fully amorphous and still have
ome remaining nanocrystals which are indicated by the arrows in
he TEM image. This result is confirmed by the SAD pattern which
ncludes small diffraction spots arising from the nanocrystalline
egions superimposed on the halo pattern of the amorphous phase.
gain, the proportion of the amorphous phase calculated by the
RD analysis could be qualitatively confirmed by the TEM image
nd its SAD pattern.

.4. Thermal analysis

In order to investigate the thermal stability of the as-milled
owders, differential scanning calorimetry (DSC) was performed

t a constant heating rate of 10 K/min under the argon gas atmo-
phere. Fig. 6 shows the DSC profile of the 200 h milled powders
hich have the highest amount of amorphous phase. According to

his figure, the DSC profile shows a huge and broad exothermic
Fig. 6. The DSC profile of the powders milled for 200 h.

peak, centered around 683 K. By increasing the temperature, a
much sharper exothermic peak appears which is attributed to
the crystallization of the amorphous phase. According to the DSC
profile, the crystallization enthalpy is 47 J/g, and the onset crystal-
lization temperature (Tx) and the peak crystallization temperature
(Tp) are 873 K and 904 K, respectively. In order to determine the
origin of these reactions, the powders were heated with a con-
stant heating rate of 10 K/min and simultaneously irradiated with
a high intensity high-energy monochromatic synchrotron beam
(� = 0.0149 nm).

Fig. 7(a) depicts the evolution of the XRD pattern of 200 h milled
in the temperature range from room up to 973 K. The diffraction
patterns are presented as a function of the wave vector Q, which is
related to the wavelength � and to the scan angle � by:

Q = 4	
sin �

�
(4)

Taking into account the Bragg equation for the first-order reflec-
tion:

2d sin � = � (5)

where d is the interplanar spacing of the material, the wave vectors
Q is calculated to be:

Q = 2	

d
(6)

The wave vector depends only on the structure, yielding the
same value regardless of the used wavelength. In this way,
diffraction patterns recorded with different devices can be easily
compared.

According to Fig. 7(a), the powders at room temperature show
a diffuse scattering pattern typical for metallic glasses with a
maximum at Q = 31.1 nm−1. As the temperature increases, the
amorphous phase of the powders crystallizes and the fraction of
crystalline products increases according to the enhancement of
their peak intensity. It is also obvious that the crystalline product(s)
are stable up to the end of the temperature range. The observation
is consistent with the DSC data which exhibits a sharp exothermic
peak corresponding to the crystallization reaction.

Fig. 7(b) shows in detail three diffraction patterns, one corre-
sponding to the as-milled powders, one recorded at 773 K (above
the first exothermic event) and one at 973 K (above the second
exothermic peak). From this figure, the diffuse scattering pattern

of the as-milled powders does not show any peaks attributed to
the remaining nanocrystalline phases. This result originates from
the fact that the average size of the remaining nanocrystals and
their fraction is very small as confirmed by the TEM image (Fig. 5).
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ig. 7. The evolution of XRD pattern during the in situ heating from room temperat
73  K) (b).

owever, a slight asymmetry of the main broad peak can be
bserved and this is due to the presence of nanocrystals. The XRD
attern of the powders at 773 K is relatively similar to that of the as-
illed powders with the existence of highly weak and broad peaks

t 44.1 nm−1 and 53.5 nm−1. These peaks are related to the remain-
ng bcc-(Fe, Co) nanocrystals in the amorphous matrix, which have
xperienced grain growth during the heating. Due to the same
ffect, the main broad peak becomes a bit sharper. Grain growth,
ccording to the significantly small intensity of the bcc-(Fe, Co)
hase, is low, thus, the heat evolved due to the growth process

s negligible at 773 K. Therefore, the huge and broad exothermic
ump in the DSC profile may  arise from other phenomena, such as
tress relief and irreversible structural relaxation, i.e. the annihila-
ion of the excess free volume produced during the milling [42]. It is
ell understood that the heterogeneous deformation of the metal-

ic glasses may  generate a large amount of free volume in the shear
ands [42]. Therefore, during the milling process, the produced
morphous phase could experience a severe deformation and con-
equently a large amount of highly localized shear bands and free
olume are generated in this phase. Further details of mechanisms
nd kinetics of structural relaxation in the present alloy is under
tudy.

According to Fig. 6, the as-milled powders do not show a glass
ransition temperature (Tg). It has been reported that at the pres-
nce of a large and broad exothermic peak due to the structural
elaxation before the crystallization peak, the exact determina-
ion of Tg becomes difficult [43,44]. On the other hand, the small
ndothermic peak due to the glass transition may  be obscured
hen other heat evolving reactions, such as structural relaxation

ccur near the Tg [44].
Fig. 7(b) also shows the XRD pattern of the powders heated

t 973 K. It shows formation of crystalline products, such as (Co,
e)20.82Ta2.18B6, (Co, Fe)21 Ta2 B6 and (Co, Fe)3B2 phases. These
hases confirm that the second exothermic peak in the DSC pro-
le arises from the crystallization of the amorphous phase. Both
Co, Fe)20.82Ta2.18B6 and (Co, Fe)21 Ta2 B6 phases are complex fcc
hases with a large lattice parameter of 1.0552 nm [45]. Therefore,
ue to the same crystal structure and similar lattice parameter, the

eaks of the mentioned metastable phases are overlapped as indi-
ated in Fig. 7(b). These phases can be regarded as isomorphic to
he metastable (Fe, M)23B6 (M = Nb, Ta) phase which has been iden-
ified as the primary and metastable crystallization products of the
 to 973 K (a) and details at three given temperature (room temperature, 773 K and

bulk glassy Fe–Nb–B and Fe–Nb–Ta–B alloys [14,46]. Similar crys-
tallization products have been reported for the rapidly solidified
glassy Co43Fe20Ta5.5B31.5 alloy with ultra high strength and large
supercooled region [14]. In comparison with the diffraction pat-
tern recorded at773 K, the pattern for the sample at 973 K clearly
shows the peaks of bcc-(Fe, Co) phase at wave vectors Q of 30.6,
44.1, 53.5, 61.4 and 68.9 nm−1 which results from the growth of
pre-existing bcc-(Fe, Co) nanocrystals in the as-milled powders.

Fig. 8(a) illustrates the DSC plots of 200 h milled powders at dif-
ferent heating rates. According to this figure, the peak temperature
of crystallization increases from 903 K to 921 K with increase of the
heating rate from 5 to 30 K/min. The effective activation energy of
the crystallization (Ec) was calculated from the constant heating
rate DSC scans in Fig. 8 using the Kissinger method as [47]:

ln

(
ˇ

T2
p

)
= −

(
Ec

RTp

)
+ constant (7)

where  ̌ is the heating rate in K/min, Tp is the crystallization tem-
perature in K corresponding to the single crystallization event in
the DSC plots and R is the gas constant. The activation energy from
the Kissinger plot (Fig. 8(b)) was found to be 640 kJ/mol. It was
reported that the activation energy calculated from the crystalliza-
tion peak temperature by the Kissinger equation is the required
activation energy for the growth process [48]. The growth of nuclei
requires a long-range atomic rearrangement of constituents, which
is closely related to their diffusivity. In the present alloy, the
large atomic ratio and strong attractive bonding between the con-
stituents especially between Ta and B atoms decrease the diffusivity
and consequently this is responsible for relatively high value of
activation energy.

According to Fig. 8(a), the shape of exothermic peaks corre-
sponding to the crystallization event is wide and asymmetrical,
with a long high temperature inset and the trailing edge of the
peak is steeper than the leading edge. This can be an indication
that crystallization itself takes place and results in the formation of
a crystalline metastable phase which can transforms into another
crystalline phase or the occurrence of two  overlapping reactions

[49]. According to the literature, metastable (Co, Fe)21Ta2B6 phase,
which is the primary crystallization of the Co43Fe20Ta5.5B31.5 glassy
alloy tends to transfer to more stable phases like (Co, Fe)3B2 by
increasing the temperature and progress of the crystallization [14].



92 A.H. Taghvaei et al. / Journal of Alloys an

Ec = 640 kJ/mol 
R2 = 0.9576

10.0

10.5

11.0

11.5

12.0

12.5

1.1081.1031.0981.0931.0881.083
1000/Tp (K -1 )

-ln
 (β

/T
p2  )

1100900700500300
Temperature (K)

Ex
o 

H
ea

t F
lo

w

5 K/min

10 K/min

20 K/min

30 K/min

(a) 

(b) 

F
c

A
a
o
c
T
(
t
c
t
a
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ccording to Fig. 7(b), the XRD pattern of 200 h milled powders
fter heating up to the end of crystallization reaction is composed
f two metastable phases as well as (Co, Fe)3B2 phase. This result
onfirms that the metastable (Co, Fe)20.82Ta2.18B6 and (Co, Fe)21
a2 B6 phases have a tendency to transfer to the stable phase like
Co, Fe)3B2. Therefore, the calculated activation energy contains
wo energy contributions, the one necessary to form the primary

rystallization phase(s) and another corresponding to a further
ransformation. As a result, the relatively high value of calculated
ctivation energy is not exotic.

Fig. 9. The Ozawa plot of 200 h milled powders.
d Compounds 512 (2012) 85– 93

Besides the Kissinger method, the Ozawa equation can be used
to calculate the activation energy of crystallization which can be
expressed as follows [50]:

ln  ̌ = −1.0516
Ec

RTp
+ constant (8)

where  ̌ and Ec are the heating rate and activation energy, respec-
tively. Fig. 9 depicts the Ozawa plot for 200 h milled powders
which indicates the value of activation energy of crystallization is
624 kJ/mol. In comparison with the results derived by the Kissinger
equation, the activation energy obtained by the Ozawa method is
slightly lower.

4. Conclusions

The MA  process of the elemental Fe, Co, Ta and B for the alloy
with the nominal composition of Co40Fe22Ta8B30 was  investigated.
X-ray analysis showed that the MA process at the initial stages led
to the formation of the bcc-(Fe, Co) phase as well as some unre-
acted Ta. Further milling resulted in a significant decrease in the
major peak intensity of bcc-(Fe, Co) and increased its broadening
due to the grain refinement, introduction of lattice strain and devel-
opment of the amorphous phase. The reasons for the rapid grain
refinement were explained based on the severe plastic deformation
and dissolution of boron in the powder particles. The quantita-
tive XRD analysis based on the Rietveld refinement showed that
the amorphous phase increased by the progress of the milling and
finally its weight fraction reached 96% within 200 h, being verified
by TEM observations. The amorphization mechanisms were dis-
cussed in terms of extreme grain refinement, atomic size effect and
concept of local topological instability developed by Miracle and the
heat of mixing consideration. Results of the DSC test indicated that
the large structural relaxation was  followed by the crystallization of
the amorphous phase through a single exothermic peak with the
onset temperature of 873 K. The microstructural evolution of the
powders from the as-milled up to the devitrified state was  investi-
gated by the X-ray diffraction in transmission configuration using
synchrotron radiation. These XRD results of the crystallized pow-
ders confirmed the formation of metastable complex fcc phases
like (Co, Fe)20.82Ta2.18B6 and (Co, Fe)21 Ta2 B6 in addition to the
(Co, Fe)3B2 phase. These results were similar to the crystallization
products of the rapidly solidified glassy alloys with the same con-
stituent elements and similar composition, which were reported
by other workers.
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